We have investigated the microscopic origin of lattice expansion and contraction in undoped rutile TiO 2 nanostructures by employing several structural and optical spectroscopic tools. Rutile TiO 2 nanostructures with morphologies such as nanorods, nanopillars and nanoflowers, depending upon the growth conditions, are synthesized by an acid-hydrothermal process. Depending on the growth conditions and post-growth annealing, lattice contraction and expansion are observed in the nanostructures and it is found to correlate with the nature and density of intrinsic defects in rutile TiO 2 . The change in lattice volume correlates well with the optical bandgap energy. Irrespective of growth conditions, theTiO 2 nanostructures exhibit strong near infrared (NIR) photoluminescence (PL) at 1.43 eV and a weak visible PL, which are attributed to the Ti interstitials and O vacancies, respectively, in rutile TiO 2 nanostructures. Further, ESR study reveals the presence of singly ionized oxygen vacancy defects. It is observed that lattice distortion depends systematically on the relative concentration and type of defects such as oxygen vacancies and Ti interstitials. XPS analyses revealed a downshift in energy for both Ti 2p and O 1s core level spectra for various growth conditions, which is believed to arise from the lattice distortions. It is proposed that the Ti 4+ interstitial and F + oxygen vacancy defects are primarily responsible for lattice expansion, whereas the electrostatic attraction between Ti 4+ interstitial and O 2− interstitial defects causes the lattice contraction in the undoped TiO 2 nanostructures. The control of lattice parameters through the intrinsic defects may provide new routes to achieving novel functionalities in advanced materials that can be tailored for future technological applications.
Introduction
Titania (TiO 2 ) is considered to be one of the most useful semiconducting metal oxides for applications ranging from sensors to photonic crystals, energy storage and photocatalysis. The unubiquitous presence of intrinsic point defects such as oxygen vacancies (O v ) and Ti interstitials (Ti i ) in TiO 2 play a key role in enhancing the electrical, chemical and optical properties of the materials at the nanoscale, which ultimately improve the efficiency of nanostructures (NSs) exploited in solar cells [1] [2] [3] , photocatalytic hydrogen generation [4] , UV-mediated photodetectors [5] , photocatalytic pollutant degradation [6] and spintronics devices [7] etc. To understand the enhanced properties of the TiO 2 NS, successful fabrication of a wide range of materials is significant where the morphologies can be precisely controlled with designed functionalities. In particular, lattice parameters are very important structural characteristics and thus their variations directly affect the properties of nanomaterials and the relevant applications. Therefore, a large number of studies have concentrated on the size-dependent variation of lattice parameters and subsequently have studied the linear/nonlinear expansion/contraction of TiO 2 [8] [9] [10] and other metal-oxide nanomaterials [11, 12] .
It is well-established that the reduction of particle size by less than a finite size at nanoscale causes variations in lattice parameters [8-11, 13, 14] . However, the origin of size-induced changes in the lattice volume of TiO 2 nanomaterials has been a subject of debate. Most of the metal-oxide nanocrystals [11, 12, 15] and in particular rutile TiO 2 [8, 13] and anatase TiO 2 [10] exhibit lattice expansion as the crystal size reduces in contrast to the lattice contraction in metal nanoparticles (NPs) [16, 17] and is considered to be a general characteristic of all metal-oxide nanomaterials. On the other hand, lattice contraction has been reported [9] in anatase TiO 2 NPs as the particle size reduces and it was more pronounced for the crystallite sizes below ∼15 nm. From the thermodynamic point of view, the lattice expansion for smaller particle sizes in oxide materials is quite surprising, since surface stresses would cause small particles to compress due to higher surface curvature as is observed in non-oxide nanomaterials such as Si [18] , ZnS [19] and CdSe [20] etc. Therefore, the mechanism of lattice expansion/contraction in TiO 2 is not understood clearly. The existing reports suggest contradicting results on the size dependence of the lattice contraction/expansion in TiO 2 and other oxide materials at the nanoscale.
In CeO 2 nanocrystals, Deshpande et al [11] proposed that an oxygen vacancy and the accompanying valence reduction from Ce 4+ to Ce 3+ might cause lattice expansion as the particle size decreases, while Li et al [9] found no oxygen vacancies in anatase TiO 2 NPs in their size-induced changes in lattice volume. Swamy et al [10] reported a small lattice expansion in anatase TiO 2 NPs which was attributed to increased Ti vacancy and lattice strain. A correlation between Ti vacancy abundance and lattice volume increase in rutile TiO 2 was suggested by Kuznetsov et al [13] . A surface defect dipole model was proposed by Li et al [8] to explain the linear lattice expansion in rutile TiO 2 . In the case of BaTiO 3 , an increased ionicity of Ti ions with particle size reduction was proposed as a possible reason for the lattice expansion [12] . These studies indicate that there exists substantial controversy regarding the origin of lattice expansion/contraction in TiO 2 and other metal oxide semiconductors. Using ab initio calculations, Iddir et al [21] predicted lattice expansion in rutile TiO 2 via Ti i and O v defects. However, there is no experimental evidence of Ti i and O v defects in rutile TiO 2 causing the lattice expansion. Hence, a thorough understanding of the microscopic origin of lattice parameter variation through experimental studies is essential to resolve the controversy.
Most of the studies reported to date on the size-dependent lattice expansion/contraction in TiO 2 are for extremely small Nps/nanocrystals: less than ∼15 nm in anatase [9] and less than ∼27 nm in rutile TiO 2 [8, 13] . So, it has been very challenging to identify the individual contribution of quantum confinement, strain, intrinsic defects (i.e., O v , Ti i , Ti vacancy etc.) and other surface defects towards the lattice parameter variation in TiO 2 NS. In this work, we report on the variation of lattice parameters in hydrothermally synthesized rutile TiO 2 nanorods (NRs), nanopillars and nanoflowers of comparatively large sizes and find its correlation with the O v , Ti i and O interstitial (O i ) defects in TiO 2 [8, 9, 13] . Lattice contraction and expansion are observed in the as-grown NS, depending upon the growth temperature, reaction duration and stirring during growth, which is due to the different concentrations and types of intrinsic defects associated with the materials. The change in lattice volume is correlated with the calculated bandgap energy. O v -related blue visible, O irelated red visible and Ti i defect-related near infrared (NIR) photoluminescence (PL) are observed in our as-synthesized NS which are mainly responsible for the lattice parameter variations. Further, electron spin resonance (ESR) and x-ray photoelectron spectroscopy (XPS) studies are performed to understand the nature of the defects and their contribution to the changes in lattice parameters.
Experimental details

Growth and processing of TiO 2 NS
Titanium butoxide (Sigma-Aldrich) and 35% HCl (Merck) were used as the precursor materials. Doubly distilled deionized (DI) water was used during all the experiments. In a typical synthesis, 1 ml of titanium butoxide was added to 60 ml of mixed DI water and 35% HCl (1 : 1) with constant stirring for 15 min. Afterwards, the mixed solution was transferred into a Teflon-lined autoclave (Berghof, BR-100) and the temperature inside the autoclave was monitored and maintained at • C under autogenous pressure for 12-48 h. Some of the samples were grown at 150
• C under constant magnetic stirring at 250 rpm during the reactions. The formed precipitates were obtained and finally heat treated at 500
• C for 4 h in air. For convenience of discussion, theTiO 2 NS grown at 150
• C are categorized as 'A' and samples are named as A12, A18, A48 for the growth duration of 12 h, 18 h and 48 h, respectively. Samples grown at 170 and 190
• C after 18 h are termed as B18 and C18, respectively. The sample grown at 150
• C after 18 h reaction with stirring throughout the reaction is termed as A18s. The details of the sample nomenclature are shown in table 1.
Characterization techniques
The crystal structures of the TiO 2 NS are characterized by x-ray diffraction (XRD) (Rigaku RINT 2500 TTRAX-III, Cu Kα radiation). Morphologies of the samples were studied by field emission scanning electron microscopy (FESEM) (Sigma, Zeiss). The energy dispersive x-ray spectroscopy (EDX) was carried out with the help of an x-ray detector (Oxford Instruments, UK) attached to a scanning electron microscope (SEM, LEO 1430VP). The high magnification surface morphologies and structures of the samples were studied by transmission electron microscopy (TEM), high-resolution TEM (HRTEM) and selected area electron diffraction (SAED) patterns (JEOL-JEM 2010 operated at 200 kV). Specimens for HRTEM investigations were prepared by dispersing powder ) equipped with a cooled charge-coupled device (Princeton Instruments, PIXIS 100B) detector. The powder samples were put on a conductive carbon tape (black) for the PL measurements. Each spectrum was corrected for the detector response as a function of wavelength after background subtraction. XPS measurements were carried out with a PHI X-Tool automated photoelectron spectrometer (ULVAC-PHI, Inc.) using Al Kα x-ray beam (1486.6 eV) with a beam current of 20 mA. A carbon 1s spectrum was used for the calibration of the XPS spectra recorded for various samples. ESR measurements were done with a JEOL (JES-FA200) instrument operating in the X band.
Results and discussion
Structural characterization
The XRD patterns of as-synthesized samples are shown in figure 1 , where all the peaks correspond to the rutile TiO 2 phase. The XRD patterns of A12, A18 and A48 are shown in figure 1(a) . It is clear that with the increase in reaction duration, the diffraction peaks are shifted to higher angles (2θ). The inset of figure 1(a) shows the corresponding shift and broadening of the (1 1 0) peak. Sample A12, grown for a lower reaction duration, shows a higher broadening and lower intensity than those of A48. Figure 1(b) shows the XRD patterns of A18, B18 and C18. As the growth temperature increases, the diffraction peaks are systematically shifted to lower 2θ values ( figure 1(b) ). The magnified view of the (1 1 0) peak shows the shift and broadening of line shape with different growth temperatures (inset of figure 1(b) ). It is observed from the FESEM and TEM images that as the growth temperature increases, the size of the NS increases. According to the earlier reports [8, 13] , with the increase in NS size the lattice volume decreases in rutile TiO 2 . This would imply a higher 2θ value if strain contribution is neglected. More importantly, the size of the NS is increased with a higher growth temperature and reaction duration. However, we observed two different trends, i.e., lattice contraction with an increase in reaction duration and lattice expansion with an increase in growth temperature. So, the shift and broadening of XRD peaks in our case cannot be explained from size effects alone. Figure 1(c) shows the effect of stirring on the sample during the reaction. Comparison of the XRD pattern for A18 and A18s clearly shows that the peaks are shifted to lower 2θ for the sample grown under stirring conditions. The change in lattice parameters a, c and the cell volume with respect to reaction duration and growth temperatures are shown in figures 2(a) and (b), respectively and the corresponding parameters are presented in table 1. Interestingly, the axial ratio c/a, representing the lattice symmetry, remains almost constant at 0.644. The lattice parameters are calculated by using (1 1 0) and (1 0 1) peaks in the XRD pattern. The shift and broadening of diffraction peaks are generally related to the size and strain effects of rutile TiO 2 NS. To isolate the contributions of strain from that of the size effects, the Williamsons-Hall (W-H) method [22, 23] is used for sample B18 and calculates the crystallite size and strain for the NS using the following equation:
where β is the full width at half maximum (fwhm), θ is the diffraction angle, λ is the x-ray wavelength, D is the average crystallite size and ε is the effective strain. The strain is calculated from the slope and the crystallite size is calculated from the inverse of the intercept of the linear fit (figure 2(c)). The positive slope indicates tensile strain, consistent with the lattice expansion. Note that there is a large scatter in data in the plot, which is indicative of the anisotropic and inhomogeneous strain in the nanocrystals [24] . Since the analysis of the anisotropy factor for TiO 2 is a complex function of elastic constants and dislocation contrast factors, and these quantities are not known for TiO 2 , accurate analysis of size and strain was not possible from such a plot. However, if we ignore the errors due to the scatter in data, a rough estimate of the average crystallite size and strain can be made from figure 2(c). The average crystallite size and strain thus calculated was found to be 114 nm and 0.008 ± 0.001 from the W-H plot for B18. The tensile strain of 0.8% is likely to be caused by the large density of Ti i and O v defects, as evidenced from other studies discussed below. We also used the Scherrer formula that neglects the strain effect to calculate the crystallite size. In all the cases, the Scherrer formula yields a lower size value as compared to the size extracted from W-H plot, as expected. Interestingly, despite the large scatter in the data, the average crystallite sizes extracted from the W-H plot is very similar to the width/thickness of the nanostructures obtained from the FESEM images. 
Raman scattering studies
The Raman studies are employed to further confirm the phase, crystallinity and defects in the as-synthesized NS. All the peaks correspond to the characteristic Raman modes of the rutile TiO 2 structure (figure 3). Figure 3(a) shows the Raman modes of samples A12, A18 and A48. The three typical firstorder Raman modes B 1g (weak), most intense E g and A 1g along with a second-order vibrational mode E g (SO) at ∼ 240 cm −1 were observed for all samples. The most intense E g mode is red-shifted while A 1g mode slightly blue-shifted for samples A18 and A48 compared to A12. The blue shift of A 1g mode may be due to the compressive strain implying a lattice contraction. The red shift of E g and A 1g modes is generally due to the phonon confinement effect and oxygen vacancy defects [25] [26] [27] in rutile TiO 2 . As the size of the NS is increased for higher reaction duration, the red shift cannot be explained by the phonon confinement effect. Therefore, the red shift of E g mode may be due to the higher concentration of defects in A18 and A48 as compared to that in A12. Figure 3(b) shows the Raman spectra of samples A18, B18 and C18 which were grown at different growth temperatures. The Raman intensity is clearly higher for samples grown at higher temperatures and this is consistent with the XRD pattern shown in figure 1(b) .
Morphological studies
The morphologies of the as-synthesized samples as obtained from FESEM images are shown in figure 4. The samples grown after different reaction durations, i.e., 12 h, 18 h and 48 h are shown in figures 4(a)-(c), respectively. Sample A12 revealed NR-like morphologies, while A18 and A48 revealed tetragonal nanopillar-like structures with rough surfaces on the top portion with small NR-like morphologies. The NRs of length ∼320-550 nm and diameter ∼26-74 nm is observed from the FESEM images for the sample A12 ( figure 4(a) ). However, samples A18 and A48 show nanopillars with tetragonal cross sections of sizes in the range ∼109-280 nm and ∼215-684 nm, respectively (figures 4(b) and (c)). Figures 4(d) and (e) show the FESEM images of the samples grown at 170
• C and 190
• C, respectively. Sample B18 shows the nanopillarlike morphologies, whereas C18 shows the 3D nanoflowers. The tetragonal nanopillars having square cross sections of side ∼390-684 nm for sample B18. In both samples B18 and C18, the top surface consists of small NR-like budding structures and this rough surface increases the effective surface area of the rutile TiO 2 nanostructrures which may increase the surface reactivity. The high magnification image of C18 shows the 3D nanoflowers with nanopillars as petals ( figure 4(f ) ). The EDX spectrum of the corresponding nanoflowers is shown in the inset of figure 4(e). The EDX spectrum shows the only Ti and O element, indicating the phase purity of TiO 2 NS. It is interesting to note that the change in reaction durations and growth temperatures lead to the alteration of the hydrolysis rate of titanium butoxide in the presence of HCl acid, which helps in designing various architectures from NRs to nanopillars and nanoflowers.
TEM images of as-synthesized samples are shown in figure 5 . The TEM image of sample A12 shows NRs of width 13 nm and length 286 nm ( figure 5(a) ). The inset in 
Optical absorption and PL studies
Light absorption characteristics of hydrothermally synthesized NSs are shown in figure 6 . The absorption edges of the samples show a systematic blue shift with reaction durations from 12 h to 18 h ( figure 6(a) ), while the absorption edges are redshifted with the increase in growth temperature ( figure 6(b) ). The Tauc's plot ((αhν) 2 versus hν) shows a direct bandgap behaviour, as shown in the insets in each case. The indirect bandgaps of the samples are also calculated from the linear extrapolation of (αhν) 1/2 versus hν plot (Tauc's plot). Both the direct and indirect bandgaps are decreased for the samples grown at higher growth temperatures, whereas they are increased with reaction durations from 12 h to 18 h (samples A12 and A18) and then decreased for 48 h reaction (sample A48) (see table 1 ). The variation of bandgaps for samples grown under different growth conditions may have a relation to the variation in lattice constants and this may hint to the contribution of intrinsic defects in different samples. These defect states are confirmed from our PL measurements as discussed below. Figure 6 (c) shows a comparison of absorption spectra for A18 and A18s. The sample A18s grown under the stirring condition shows a red shift of absorption of edge relative to that of A18, indicating a reduction in the bandgap. The samples (A18s, B18 and C18) with lattice expansion show higher bandgaps compared to that in A18. However, the bandgaps of A18 and A48 showing lattice contraction are also increased. Ekuma and Bagayoko [28] reported the indirect bandgap (R-) of 2.95 eV and direct bandgap of 3.05 eV in rutile TiO 2 using ab initio calculations. They observed a reduction in the indirect band gap (2.73 eV) by 1% lattice expansion and increased to 3.02 eV by 2% contraction of both lattice parameters, which is consistent with our results discussed above. However, we observed a reduction of bandgap with lattice contraction for sample A48 compared to that in A18. It is quite likely that the increased concentration of both Ti i and O i defects may help in lowering the bandgap in A48 compared to A18. The calculated direct and indirect bandgaps for the samples grown under different growth conditions are listed in table 1. Earlier optical absorption measurements [29, 30] and bandgap calculations [31, 32] have revealed that rutile TiO 2 is direct-forbidden i.e. the direct transition 3c -1v is dipole-forbidden [33] , while the indirect-allowed transition (M- [31] or R- [32] is nearly degenerate with the direct-forbidden transition. The energy separation between the direct-forbidden and indirect-allowed transition is reported to be 10-100 meV [28, 30, 34] for bulk TiO 2 and the difference in our case is ∼110-230 meV. The higher difference in our case may be due to the size and strain effects in the NS.
In order to understand the nature of defects and the associated localized trap states, PL studies were performed at RT on different samples. We observed a strong NIR PL emission at 1.43 eV (∼867 nm) for all samples irrespective of the growth conditions and a weak broad visible PL emission (see figure 7) . Through in situ PL studies [35] , we argue that the origin of the NIR and visible PL in TiO 2 NS is due to Ti i defects and O V defects, respectively. Oxygen vacancy-induced visible PL is well known in TiO 2 NS [35] [36] [37] . However, there are very few reports on the PL signature of Ti i defects in TiO 2 . Figure 7(a) shows that the intensity of NIR PL increases with the increase in the reaction duration, indicating that more Ti i Figure 6 . UV-vis-NIR absorption spectra: (a) A12 and A18 grown after 12 h and 18 h, respectively; (b) A18, B18 and C18 grown at 150
• C, 170
• C and 190 • C, respectively; (c) A18, A18s grown without and with stirring during the growth. The inset in each case shows the (αhν) 2 versus hν plot indicating the direct bandgap for the corresponding absorption spectrum of each sample. Bandgap energy is calculated from the extrapolated line (dashed) fitted to the respective linear portions. defects are formed after longer reaction durations. TiO 2 (B) nanoribbons also showed similar visible and NIR PL at RT [35] . This essentially means that with the increase in reaction duration, both interstitial and oxygen vacancy defects are considerably increased. However, in A18 and A48, the visible band splits into two peaks, i.e., one broad peak centred at ∼2.77 eV and another peak at 1.96 eV (∼633 nm) and 1.99 eV (∼623 nm) for samples A18 and A48, respectively. The new feature that evolves at the lower energy side is observed for the first time and it is likely to be related to O 2− i defects, whose formation mechanism is explained later.
The effect of growth temperature on the PL is shown in figure 7(b) .
The NIR PL increases in the order A18<B18<C18, indicating the concentration of Ti i defects increase in the samples grown at higher temperatures. The PL emission at 1.96 eV disappears for B18 and C18. Figure 7(c) shows the PL spectra for the samples A18 and A18s. The NIR PL intensity increases whereas broad visible PL decreases for sample A18 compared to A18s. Note that red PL at 1.96 is not observed for A18s. The broad asymmetric visible PL emission of A12 is deconvoluted by two symmetric Gaussian peaks centred at 2.82 eV (peak P1, violet curve) and 2.59 eV (peak P2, blue curve), as shown in figure 7(d) . Recently, the blue PL at 2.8 eV was reported by Yamada and Kanemitsu [38] in rutile TiO 2 and based on their time-resolved PL analysis, the blue PL was attributed to the localized defect-induced states, instead of the band-edge delocalized states. It was argued that because only a free exciton PL is observed under low density excitation at low temperature, the initial photocarriers exist in the free band-edge state rather than the trapped states [38] . Interestingly, there has been no report of intrinsic PL in rutile TiO 2 bulk crystals at RT, except that due to the impurity or defects. We attributed to peak P1 and P2 to the transition from neutral O v and singly charged O v (F + ) trap states, respectively, just below the conduction band to the valence band. Note that the signature of F + is confirmed from ESR spectra. Upon the loss of an O atom in the TiO 2 lattice, the two unpaired electrons that remain trapped in the vacancy cavity give rise to an F centre. The basic assumption is that one of the electrons in the F centre tends to occupy the neighbouring Ti 4+ ion and yield a Ti 3+ centre and a F + centre. A more detailed explanation and the evidence for F + and Ti 3+ trap states in reduced TiO 2 NS is provided in our earlier report [36] . However, we do not observe any signature of Ti 3+ in our ESR and XPS studies for samples used in this work. We believe that the Ti 3+ ions migrate towards the surface to interact with the atmospheric oxygen and are converted to Ti 4+ by occupying an interstitial site. The time-resolved PL spectra of sample A12 monitoring at 2.76 eV (450 nm) with 3.06 eV (405 nm) excitation is shown in the inset of figure 7(d) . The decay spectrum is well fitted by single exponential decay with a time constant of 1.2 ns. This is typical of PL emission from defect states in TiO 2 [38] . Though there are two peaks in the steady state PL spectra ( figure 7(d) ), the single exponential fit to the decay curve indicates that both the defect states have identical decay time constants. These states correspond to F and F + centres in TiO 2 .
XPS and ESR studies
XPS is a unique tool to investigate the surface defects and chemical environments, because of the high sensitivity to surface. Evidence of oxygen vacancy-related surface defects [36, 39] , such as Ti 3+ or Ti 2+ core level peaks in Ti 2p spectra are not observed in our samples (figures 8(a) and (b) ). The shift in the Ti 2p peaks may be due to the lattice distortion in rutile TiO 2 NS. The Ti 2p3/2 core level peak of A18 is observed at 457.7 eV which is attributed to Ti 4+ . The Ti 2p3/2 peaks of A18s, B18 and C18 are shifted to higher binding energies compared to A18 and this may be due to the lattice expansion ( figure 8(a) ). However, the lower binding energy shift of the 2p3/2 core level peak of A18 compared to A12 may be due to the lattice contraction ( figure 8(b) ). A similar shift of O 1s core level peaks are observed ( figure 8(c) ). The absence of any shoulders at a higher binding energy of O 1s spectra except A12 and A18s indicates that samples A18, B18 and C18 are free of impurity bondings such as hydroxyl (OH) groups and C-O bonds [36, 40] . The lower binding energy shoulder in A12 and A18s suggests the presence of OH groups in these samples which show lattice expansion compared to A18 and is inconsistent with the lattice contraction in anatase TiO 2 due to the surface OH group as reported by Li et al [9] .
ESR is an exceptionally useful technique in detecting the spin polarized charge state of defective TiO 2 NS. The presence of singly ionized oxygen vacancies is identified from the ESR spectra, as shown in figure 8(d) . The samples A12, A18, A48 and B18 show g = 2.00, 2.04, 2.06 and 2.03, respectively, which are assigned to singly ionized oxygen vacancy F + defects. Note that various groups observed these defects in TiO 2 from ESR studies and reported that the g-value for singly ionized oxygen vacancies is 2.00 [41] [42] [43] . This implies that our samples contain oxygen vacancy-related F + centres. These defects play a key role for the observed lattice parameter variations in rutile TiO 2 NS.
Discussion
There are several reports on the effect of the size of lattice parameter variation in metal oxides nanocrystals [8-11, 13, 14] . Recently, it was reported [44] that the oxygen vacancy formation by itself, without a cation radius change in CeO 2 , results in a contraction of lattice parameters on the basis of their molecular dynamic simulation. It was explained that upon the formation of an oxygen vacancy, the cation relaxes away from the vacancy (by approximately 0.10 Å), however the anion gets closer to it (by approximately 0.16 Å) and the magnitude of the significant distortion results in a net local contraction of the lattice around the vacancy. However, the combined effects of the oxygen vacancy and the associated cation radii change results in lattice expansion of CeO 2 [44] . Particularly, the lattice expansion and contraction of rutile and anatase TiO 2 was discussed by various groups [8] [9] [10] 13] . Li et al [9] reported that particle size reduction induces lattice contraction due to the surface hydration effect in pure anatase TiO 2 nanocrystals. On the other hand, Swamy et al [10] observed lattice expansion at reduced crystallite size in anatase TiO 2 and explained the lattice expansion in terms of increased Ti vacancy and lattice strain with the decreasing crystallite size. Moreover, lattice expansion with the decreased crystallite size is reported in rutile TiO 2 [8, 13] . A surface defect dipole model was proposed by Li et al [8] to explain the lattice expansion of rutile TiO 2 nanocrystals with the reduction in size in terms of the strong interaction among the surface dipoles that produced an increased negative pressure. This is in contrast to the ionicity increase-induced lattice expansion in BaTiO 3 proposed by Tsunekawa et al [12] . The size-dependent lattice expansion of rutile TiO 2 was explained in terms of Ti vacancy abundance by Kuznetsov et al [13] . Using ab initio calculation, Iddir et al [21] The lattice atoms relaxed around the defects to accommodate the induced stress due to the diffusion of Ti i through the interstitial region. Based on the above information, we discuss the atomistic origin of lattice expansion and contraction of rutile TiO 2 in terms of intrinsic defects rather than size-induced lattice variations, as the size of our nanostructure is comparatively larger than those reported in the literature [8, 13] . The intrinsic defects include Ti i , O v and O i in our rutile TiO 2 NS. First, we discuss the possible mechanisms of lattice expansion in our rutile TiO 2 NS. From figure 2(b) and table 1, it is seen that the lattice is expanded as the growth temperature is increased. Generally, in the nanoscale regime, the lattice expansion in metal oxide nanocrystals is believed to result from the complex interplay of defect chemistry and physics. For example, (i) an increase in ionic radius upon the reduction of the cation valence state might cause the lattice expansion, and (ii) the electrostatic repulsion between a positively charged oxygen vacancy and the metal cations surrounding it may also be responsible for the lattice expansion. ESR and XPS measurement on our samples do not show any signature of Ti 3+ , which eliminates the possibility of lattice expansion due to the reduction of cationic radii. However, the ESR signal shows evidence of F + (singly ionized oxygen vacancy) centres in our samples. In our previous report, the pathways for the formation of F + and Ti 3+ trap centres were explained [36] . Note that we observed Ti i -related NIR PL and F + -and neutral O v -related visible PL emission in our samples. The Ti-Ti and Ti-O bonds are relaxed due to the missing O atom. The nearest-neighbour Ti atoms move outward from the vacancy to strengthen the bonding with the rest of the neighbouring O lattice. While the next-nearest-neighbouring O atoms move inward due to the absence of electrostatic repulsion by the missing O atom. It was reported [45, 46] that the local distortion due to the Ti atom displacement depends upon the different charge state of the oxygen vacancy, i.e. neutral, singly charged (+1) and doubly charged (+2) oxygen vacancies. The positive charges cause greater repulsion for Ti-Ti distance compared to neutral oxygen vacancies [45, 46] . Note that we observed a singly charged oxygen vacancy (F + ) in ESR measurement and both during the course of air annealing and occupying an interstitial site similar to the lattice Ti sites in an octahedral TiO 2 crystal system. It was reported from both experimental and theoretical analyses that Ti i diffusion is faster in rutile TiO 2 than the O v diffusion when annealing in O 2 atmosphere [47] [48] [49] . The lattice Ti is strongly bound with the lattice O atoms. When the Ti 4+ is placed in the interstitial site, the Ti atoms are relaxed outward due to the electrostatic repulsion between positively charged Ti ions. However, the lattice O atoms are slightly distorted towards the Ti 4+ i as they are strongly bonded to lattice Ti atoms. As a result, the net relaxation favours the expansion of the lattice volume which is due to the presence of Ti 4+ i defects. It is noticed that the Ti 4+ i increases with the increase in growth temperature from the PL spectra suggesting more lattice expansion. So, the lattice expansion is observed in our samples in the order C18>B18>A18. The sample A18 has an additional PL peak at 1.96 eV compared to B18 and C18 which is related to O i and will be discussed in the following paragraph. Our experimental results regarding the lattice expansion due to Ti i and O v are consistent with the theoretical prediction of Iddir et al [21] . Secondly, we discuss the possible mechanism behind the lattice contraction in rutile TiO 2 NS. Our earlier study on TiO 2 NS showed that longer the reaction duration, the higher the O v and Ti i defects for the same growth temperature [35] . This is also reflected in the present case, as Ti 4+ i PL emission is enhanced for longer reaction samples. Since the number of oxygen vacancies is greater in these samples, it is expected that the atmospheric O 2 may inject rapidly into the TiO 2 to occupy the oxygen vacancy positions during the course of air annealing at 500
• C and occupy the vacancy site; as a result the oxygen vacancy concentration decreased considerably after annealing, which is reflected in our PL spectra (reduction of broad visible PL in samples A18 andA48 compared to A12). It was recently reported that adsorbed isotopic oxygen is injected into the bulk rutile TiO 2 as O 2− i which underwent drift towards the surface due to space-charge layers and retarded the diffusion of interstitials, promoting the exchange with lattice oxygen [50, 51] Another interesting point to be noted is that the red PL at 1.96 eV is absent for the samples B18 and C18 grown at higher growth temperatures. Our earlier study showed that for growth at higher temperatures [35] [9] is inconsistent with the lattice expansion in our rutile TiO 2 samples A12 and A18s, which are associated with the adsorbed surface OH group, as confirmed from XPS studies. Therefore, we strongly believe that the intrinsic defects, such as Ti 
Conclusions
Rutile TiO 2 NS with NRs, nanopillars and nanoflowerlike morphologies are synthesized by an acid-hydrothermal process. At higher growth temperatures, lattice expansion is observed, while lattice contraction is observed for the samples grown with over a longer time. We also observed lattice expansion for the samples grown under constant stirring during the reaction. Our studies reveal that the lattice expansion/contraction depends on the types, concentration and nature of various intrinsic defects that are created under different growth and processing conditions. These NS are highly crystalline as observed from SAED patterns and lattice fringes of HRTEM analyses. The direct and indirect bandgaps of the NS grown under different growth conditions are varied from 2.90-3.01 eV and 2.68-2.86 eV, respectively. The NIR peak at 1.43 eV in PL spectra is attributed to the Ti defects cause the lattice contraction in rutile TiO 2 NS. The intrinsic defectinduced lattice parameter variations may provide new routes to achieving novel functionalities in advanced materials that can be tailored for many technological applications.
